Microstructural characterization of creep anisotropy at 673K in the M5® alloy by Martin, Rautenberg et al.
 To link to this article : DOI:10.1016/j.actamat.2012.04.001 
 URL : http://dx.doi.org/10.1016/j.actamat.2012.04.001
This is an author-deposited version published in: http://oatao.univ-toulouse.fr/ 
Eprints ID: 8718 
To cite this version:
Rautenberg, Martin and Feaugas, Xavier and Poquillon, Dominique and Cloué, 
Jean-Marc Microstructural characterization of creep anisotropy at 673K in the 
M5® alloy. (2012) Acta Materialia, vol. 60 (n° 10). pp. 4319-4327. ISSN 1359-
6454
Open Archive Toulouse Archive Ouverte (OATAO)
OATAO is an open access repository that collects the work of Toulouse researchers 
and makes it freely available over the web where possible. 
Any correspondence concerning this service should be sent to the repository 
administrator: staff-oatao@listes.diff.inp-toulouse.fr
Microstructural characterization of creep anisotropy at 673 K
in the M5Ò alloy
Martin Rautenberg a,b,⇑, Xavier Feaugas c, Dominique Poquillon b, Jean-Marc Cloue´ a
aAREVA, 10, rue Juliette Re´camier, 69456 Lyon Cedex 06, France
bCIRIMAT, CNRS/UPS/INPT, 4 alle´e Emile Monso, 31030 Toulouse, France
cLEMMA, Universite´ de La Rochelle, avenue Michel Cre´peau, 17042 La Rochelle, France
Abstract
Zirconium alloy tubing is used in pressurized water nuclear reactors in order to prevent fissile material from leaking into the coolant.
It can be the first safety wall of nuclear fuel, and is submitted to complex thermomechanical loadings. In consequence, new Nb-modified
alloys, such as the M5Ò alloy, and fine numerical models are being developed to guarantee a better and longer mechanical integrity of
these tubes. To identify the physical mechanisms that could be considered in such models, an experimental approach, combining creep
tests with electron backscattered diffraction and Transmission electron microscopy investigations, was carried out.
Tubular specimens were submitted to multiaxial creep tests at a temperature of 673 K. Seven ratios between the axial and hoop
applied stresses were investigated. It enabled a macroscopic evidence of the creep anisotropy. Besides, EBSD analyses on a mesoscop-
ic-sized non deformed area led to the characterization of the variation of the average Schmid factor with the direction of loading. Finally,
TEM observations were done on seven crept samples, corresponding to the seven directions of loading tested mechanically. The varia-
tions of the different parameters investigated (activated slip systems, dislocation densities, curvatures of the dislocations) can be seen as
the effects of the creep anisotropy at a microscopic scale. The correlation between results is then discussed in a multiscale frame.
Keywords: Zirconium (Zr); Creep; Anisotropy; Transmission electron microscope (TEM); Dislocation
1. Introduction
Zirconium alloys are widely used in the nuclear industry
as a major core component in boiling water and pressurized
water reactors. The thermal creep strength of these compo-
nents is of prime importance to ensure the mechanical integ-
rity of core structures during and after their use in the
reactor. In consequence, thermal creep mechanisms have
been widely studied during the past 50 years [1–5]. Although
there is no consensus concerning the physical mechanisms
involved, creep anisotropy of zirconium alloy tubing is gen-
erally accepted [6–11]. A better understanding of this phe-
nomenon would lead to improvements in modeling and
predictions of the creep behavior of core structures.
Creep anisotropy at 673 K for low strain levels is mainly
due to a combination of two metallurgical properties.
Firstly, the fabrication process of the tubes is at the origin
of a strongly heterogeneous crystallographic texture [6,9].
Secondly, the limited number of possible slip systems and
their orientation in the hexagonal close packed (hcp) lattice
induce a localization of dislocation glide. Indeed, ab initio
simulations [12,13] confirm that prismatic glide is more lia-
ble to occur than basal glide for alpha zirconium (aZr).
These arguments may therefore explain a variation in the
ease of dislocation glide with loading direction, which can
be linked to the macroscopic anisotropy observed during
tensile strengthening [10]. However, the consequences for
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creep behavior remain unclear. Moreover, developments of
analytical descriptions of creep data, through computation
using stress exponents [4] or Transmission electron micros-
copy (TEM) observations [5], suggest that dislocation climb
could replace dislocation glide as a rate-controlling process
at intermediate temperatures (673–1123 K). Thus, charac-
terization of creep anisotropy needs new experimental data
obtained at different length scales.
In the present work, we propose to investigate creep
mechanisms on the M5Ò alloy at 673 K, using a multiscale
approach to the effects of the loading direction. Thus, after
a presentation of materials and characterization techniques,
we will first focus on creep tests, which constitute a macro-
scopic characterization of creep anisotropy. Then, electron
backscattered diffraction (EBSD) analyses, i.e. a mesoscopic
scale characterization, are presented with an emphasis on
the effect of crystallographic texture, presented through Sch-
mid factor computations. These results led us to assume that
strain could be carried mainly by prismatic and pyramidal
dislocation glides along the hai axis of the hcp lattice.
Finally, this hypothesis is checked at a microscopic scale
using TEM. At least 50 grains were observed on several
specimens crept at 673 K under different multiaxial loadings
(seven directions in stress space). This enabled a statistical
quantification of the observed parameters: dislocation den-
sities, activated slip systems, and curvature of dislocations.
The evolution of these parameters with the direction of load-
ing is discussed with regard to the creep test results and
EBSD analysis. Our results suggest that cross-slip activation
and long-range internal stresses can explain the anisotropy
of creep in relation to the crystallographic texture.
2. Experimental features
2.1. Material
The M5Ò tubes used for this study were provided by
AREVA. They were formed by a cold pilgering rolling pro-
cess and then subjected to a final recrystallization heat
treatment. These processes induce a fully recrystallized
hcp alloy microstructure, with a strongly anisotropic crys-
tallographic texture (Fig. 1). Grain sizes vary between 3
and 5 lm, and the zirconium content of the studied mate-
rial is higher than 98.5%. The chemical composition of
the M5Ò [14] is given in Table 1. Several second phase par-
ticles, due to alloying elements, are present in an a-matrix.
To check those data, and to question the effects of the sam-
ple preparation process on the microstructure, we observed
by TEM a thin foil taken on a non-deformed sample. No
dislocations were observed inside the material before creep
tests.
2.2. Mechanical tests
The specimens used for creep tests are 130 mm long,
0.5 mm thick cylinders cut from M5Ò tubes. The dimen-
sional measurements and temperature regulation were
made on a gauge of 20 mm long, centered on the middle
of the specimens. Specimens are sealed by a clamping set
before being subjected to creep tests with a specific device
[15]. A constant temperature of 673 ± 2 K is maintained
on the gauge using a radiative furnace. An axial load up
to 5 kN can be applied simultaneously with an internal
pressure up to 280 bars. As the specimens are thin-walled
tubes, the radial stress can be ignored. We define the biaxial
stress ratio b ¼ rzz=rhh, with rhh and rzz being respectively
the applied axial and hoop stresses. The angle of the total
applied stress with the axial direction is called a and we can
set a ¼ arctanð1=bÞ. Creep tests were stopped when sta-
tionary creep strain rate stabilized, leading to final equiva-
lent creep strains between 1% and 3%.
2.3. Transmission electron microscopy method
Thin foils were cut parallel to the outer surface of the
tested specimens, in the zone of the gauge. Thin foils were
first mechanically ground to a thickness of 150 lm. They
were then electrolytically polished with a Struers Tenu-
PolÒ, at a voltage of 15 V and a temperature of 243 K in
a 10% perchloric acid–20% 2-butoxyethanol–70% metha-
nol solution. In order to relate the crystallographic orienta-
tions to the loading directions, a notch corresponding to
the axial direction was placed on each thin foil and orien-
tated parallel to the tilt axis of the sample holder. The
observations were carried out at a temperature of 293 K
in a Jeol 2011 Transmission electron microscope working
at 200 kV (tilt ± 25°). For each of the seven directions
explored under mechanical testing defined by a or b, at
least 50 grains were randomly selected and observed under
several diffraction conditions, to enable an accurate identi-
fication of their crystallographic orientations. Several elec-
tron diffraction patterns of each grain were used to build
stereographic projections using the CaRIne Crystallogra-
phy software [16]. The positions in a feh; ezg system of
basal planes determined with this method (Fig. 2) are in
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Fig. 1. (0002) and {10ÿ10} pole figures of the recrystallized zirconium
alloy (EBSD analysis performed on 20,000 grains).
Table 1
Chemical composition (in weight) of the M5Ò.
Nb (%) O (ppm) Fe (ppm) Cr (ppm) Zr
1 1450 370 41 Bal.
good agreement with EBSD results (Fig. 1). This suggests
that the population of observed grains is representative
of the material microstructure.
TEM image analysis was carried out to determine the
active slip systems, dislocation densities and their average
radius of dislocation curvature. The latter was observed
under different tilt conditions and is used to identify the
habit plane of dislocation line and the long-range internal
stresses acting on the dislocation line. Dislocation density
was determined using the classical intersect method [17,18].
A slip system was considered to be active inside a grain
when three or more distinct dislocation lines of this system
could be observed. Therefore, any grain containing less
than three dislocation lines for each of its potential slip sys-
tems was assumed to carry no plastic deformation. This
semi-statistical approach has previously demonstrated its
interest in different strengthening materials such as tita-
nium alloys [19–21], zirconium alloys [22], austenitic stain-
less steel [23] and nickel [18,24].
2.4. Electron backscattered diffraction scanning
A sample was cut parallel to the outer surface of an as-
received tube. The electropolishing was shorter than the
one used for TEM specimens, to avoid a curving of the
observation zone. The surface morphology was observed
by scanning electron microscopy (SEM) with a FEI Quanta
200 ESEM-FEG operating at 25 kV. No significant rough-
ness was noticed. EBSD was used to obtain the size,
boundaries and orientations of grains on a 140  75 lm2
area. This surface corresponds to 2000 grains. EBSD
maps were acquired at the same acceleration voltage with
the TSL OIM Data collection 5 software [25], using a step
size of 400 nm. Grain size and orientation maps were then
calculated using the TSL OIM Analysis 5 software [26]. In
contrast to recent publications on titanium alloys [27] a
correlation between slip lines associated with dislocation
emergence and EBSD mapping cannot be used in the pres-
ent work to identify slip systems. The crystallographic tex-
ture imposed in most cases that the Burgers vector hai
associated with the predominant slip (prismatic slip) is
included in the feh; ezg plane. Moreover, the strain levels
investigated here may be too low to enable an efficient
detection of dislocation emergence by SEM observations.
Nevertheless, geometric analysis of the possible activated
slip systems can be proposed using EBSD data collected
for each b or a situation studied.
3. Creep tests results
Recently, a critical analysis of the influence of complex
loading paths was made to point out their effects on strain
[10,11,22] and strain rate [15]. It was shown that, in com-
parison with uniaxial tests, zirconium alloys can exhibit
either overstrengthening or oversoftening under multiaxial
loading paths. To provide a comparison between the differ-
ent stress paths in (rhh; rzz) space a specific testing method
has been followed. The axial and hoop stresses can be com-
bined in an equivalent stress using a von Mises criterion:
r ¼ rVM ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
1=2 r2hh þ r
2
zz
þ ðrhh ÿ rzzÞ
2
 r
ð1Þ
For each loading path, the measured stationary axial
and hoop creep strain rates _ehh and _ezz can be used to calcu-
late a von Mises equivalent strain rate in stage II creep:
_e ¼ _eVM ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
4=3 _e2hh þ _e
2
zz
þ _ehh _ezz
ÿ q
ð2Þ
A constant von Mises yield stress criterion is plotted on
Fig. 3 for a value of rVM = 7/6  r0, r0 being the applied
axial stress needed to give a measured strain rate of 3.5 
10ÿ8 sÿ1, with the hoop stress set to zero. The factor 7/6
corresponds to the best description of experimental data
with an isotropic criterion (Fig. 3b). For isotropic behav-
ior, an applied stress of 7/6  r0 would give this strain rate
for any value of a.
An isocreep curve, i.e. the locus [rhh; rzz] for a constant
strain rate, can then be interpolated between experimental
points using the Norton law:
_e ¼ Arn ð3Þ
where A and n are constants having different values for
each a [15]. A comparison of the isocreep curve with the
von Mises yield locus for 0° < a < 90° leads to an illustra-
tion of the macroscopic creep anisotropy (Fig. 3b). Thus,
using a von Mises criterion with rVM = 7/6  r0, the mac-
roscopic behavior of the material can be defined as an
“oversoftening” if a is out of the [30°; 60°] angular range
(domains A and C). The isotropic case would correspond
here to higher creep stress loadings for the same strain rate.
In contrast, an “overstrengthening” behavior can be re-
lated if a lies inside this interval (domain B). A comparison
of the coordinates [rhh=r0; rzz=r0] of crept specimens ob-
served by TEM with the experimental isocreep curve at a
strain rate of 3.5  10ÿ8 sÿ1, illustrates that each of them
exhibits a quite similar equivalent strain rate. Thus this
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Fig. 2. (0002) Pole figures of the studied material (electron diffraction
patterns analysis of the 350 grains observed by TEM).
database can be used to probe the physical origin of the
creep anisotropy.
In a first step, to bring a link between creep tests results
and physical mechanisms at a microscopic scale, an appar-
ent activation volume can be computed for each a angle.
This parameter is defined as the macroscopic sensitivity
of viscoplastic flow to the stress. If we consider thin-walled
tubes, the apparent activation volume can be estimated
with the following expression:
V app ¼ kBT
@ ln _e
@r
ð4Þ
where T = 673 K is the temperature and kB is the Boltz-
mann constant. We can do here a parallel between the
apparent activation volume and the activation volume
V =MVapp locally depending on dislocation mobility, M
being the Taylor factor [28]. The activation volume V cor-
responding to a particular deformation mechanism is re-
lated to the area swept by a dislocation between two
stable positions. This area is multiplied by the Burgers vec-
tor length b to present the result as a volume, commonly
expressed in b3.
The value of Vapp for each investigated loading direction
is plotted in Fig. 4. Three domains can be distinguished on
this plot. For a 6 30° (domain A) we observe a decrease of
Vapp/b
3 between 14 and 11 with the increase of a.
In correlation with overstrengthening related to domain
B, the increase of a results on a jump of Vapp/b
3 to reach a
value of 21. Finally, Vapp stays quite constant in domain C.
Neglecting the variation of the Taylor factorM for angular
range associated with domain B, we can therefore assume
that the increase of Vapp can result from an evolution of
the deformation mechanisms inside the grains. This result
is valid on the strain rate range used to compute the activa-
tion volumes, i.e. 1  10ÿ9 sÿ1 < _e < 2  10ÿ7 sÿ1. The
mechanical behavior can be discussed with TEM and
EBSD statistical data.
4. TEM and EBSD observations
Slip anisotropy is important in hcp structures [19,22,27–
29] and, as a consequence, significant “microscopic” differ-
ences can exist between grains, depending on their crystal-
lographic orientations with respect to the stress–strain axis.
Thus the activation of slip systems can be a function of a.
In order to explore this aspect, a statistical analysis has
been made in term of geometric considerations using
EBSD maps and in term of physical mechanisms using
TEM observations.
4.1. Geometric consideration of slip activity: Schmid factors
In the case of thin-walled tubes under axial and hoop
loadings, the Schmid factor FSi of a slip system (i) can be
written as [30]:
Fig. 4. Variation of the apparent activation volume (left axis) and the
Schmid factors ratio (right axis) with the loading direction a.0.0
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Fig. 3. (a) Applied stresses for the creep tests compared with a constant
von Mises yield stress criterion; (b) isocreep curve obtained from the
experimental data presented with the tests analyzed by TEM.
F Si ¼
rzz cosðcziÞ cosðuziÞ þ rhh cosðchiÞ cosðuhiÞ
maxðrzz; rhhÞ
ð5Þ
where czi and chi are the angles between the Burgers vectors
and the axial or hoop direction, while uzi and uhi are the
angles between the normal vector of the slip plane and
the axial or hoop direction. This expression was used to
compute Schmid factors for different loading paths:
0° < a < 90°. We considered only dislocations with hai Bur-
gers vectors gliding inside prismatic planes (three Phai slip
systems per grain) or first order pyramidal planes (six p1hai
slip systems). With a constant value of a, for each type of
slip system (Phai or p1hai), the highest Schmid factors of
every scanned grain were used to compute two average
Schmid factors presented in Fig. 5. The variation of the
average Schmid factor with the loading direction depends
on the considered slip system. We find that dislocation
glide for both types of slip systems gets more and more dif-
ficult for 0° < a < 53°, as FS decreases with the increase of
a. Then FS increases until a = 90°, without reaching the
maximum values (obtained for an axial loading, at
a = 0°). Furthermore, the ratio between both average Sch-
mid factors FS(Py1hai)/FS(Phai) is at its maximum in the
angular range which corresponds to domain B. Thus, from
geometric considerations, the probability of p1ha i disloca-
tion glide in this interval (domain B) is higher than in the
other domains (A and C).
These considerations need to be confirmed by direct
observations of the activity of both slip systems using
TEM investigations. Additionally, it has been reported in
the past that prismatic slip is the easier slip system in term
of critical resolved shear stresses.
4.2. Post-mortem TEM investigations of dislocation glide
From a qualitative point of view, the microstructures of
the seven crept samples observed are the same although
they underwent different loading directions (Fig. 3b). Fur-
thermore, neither grain rotation nor twinning was observed.
Dislocation lines are distributed homogeneously. After
observing them under different tilts, their slip plane can be
identified using a stereological method. Two kinds of dislo-
cation line configurations can be observed: long straight dis-
location lines (Fig. 6a) or dislocations with a large curvature
(Fig. 6b) which are pinned at obstacles. In both cases, the
local curvature offers the opportunity to identify the crystal-
lographic plane containing the dislocation line, which is
assimilated to the slip plane in the present work. As no dis-
location line is partially or totally lying out of a slip plane,
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Fig. 6. Some features of dislocation glide. (a) Deformation of a grain by
two prismatic slip systems (g = [1ÿ210], tilt = ÿ4°), the main part of the
dislocation lines observed present a quite screw character. (b) Deforma-
tion of a grain by two prismatic slip systems and mixed dislocation lines
with a large curvatures (g = [11ÿ20], tilt = ÿ18°). (c) Cross-slip occur-
rence in first pyramidal plane p1 (g = [2ÿ201], tilt = 26°).
we can conclude that no evidence of dislocation climb is
observed. However, this mechanism has been mentioned
in recent studies of the mechanical behavior of Zr alloys
investigating mechanical tests results [4,31] or mesoscopic
observations [32]. That is why we will see in Section 5 if
the hypothesis of dislocation climb can explain our experi-
mental results in terms of geometrical considerations.
Dislocation configurations were analyzed to be mainly
with an hai Burgers vector, and inside prismatic or first
order pyramidal planes (Fig. 6). hc+ai Burgers vectors,
and basal or second order pyramidal planes concern less
than 2% of the analyzed dislocation lines. Moreover, in
accordance with previous studies [10,22], the p1hai glide
takes place mostly through a cross-slip process. This is con-
firmed in our results by the fact that active p1hai glide
exhibits a common hai axis with Phai glide in 96% of ana-
lyzed grains.
The ability of a plastically deformed grain to contain
one, two or three activated prismatic slip systems seems
to depend on the loading direction (Fig. 7a). The occur-
rence of three prismatic slip systems in the same grain
seems to be the main feature for all the loading orientations
(the fraction of grains with 1 or 2 prismatic slips stays
lower than 25%). Thus, the proportion of observed grains
(written as a grain fraction fG) carrying activated Phai slip
systems is quite constant in domain A, decreases in domain
B and increases in domain C. We can see that this evolution
is quite similar to the variation of Schmid factors vs. a.
Consequently, a geometric approach of slip system activity
seems to be suitable to describe plasticity in relation to
crystallographic texture. Further, fG varies oppositely to
the amount of prismatic slip if the measured parameter
considered is the proportion of grains carrying no plastic
deformation (ND in Fig. 7b). On the other hand, the var-
iation of cross-slip activation (CS) exhibits a hump in the
“overstrengthening” behavior interval (domain B). This is
illustrated in Fig. 7b by the variation of the ratio of grain
population containing three cross-slipping prismatic slip
systems divided by the grain population containing three
prismatic slip systems: nG(3P + CS)/nG(3P). Thus, we can
consider that the cross-slip probability is higher in the B
angular range than for the others (A and C). Additionally,
the fraction of grains showing cross-slip activity decreases
as a function of a in domains A and C. The correlation
of these variations with those reported for the apparent
activation volume Vapp and the ratio of Schmid factors
FS(p1hai)/Fs(Phai) (Fig. 4) suggests two points:
– First, the frequency of activity of prismatic slip and
pyramidal slip depends on the loading direction (a).
– Second, the anisotropy of sensitivity of the strain rate to
macroscopic stress (expressed in term of Vapp) observed as
a function of loading direction (a) is mainly the conse-
quence of a difference between the activation volume asso-
ciated with prismatic and pyramidal slip.
4.3. Dislocation densities
For the seven specimens investigated, computations of
dislocation densities in each observed grain enabled a plot
of dislocation density distribution to be made. The results
were then normalized and fitted by seven gamma functions.
This method allows an accurate representation of experi-
mental measurements, which can be interrelated with an
analytical approach [33]. The seven variances of these func-
tions were taken as root mean squares (RMSs) for disloca-
tion densities distributions. The range of dislocation
densities obtained here is not very wide. This can be
explained by the absence of dislocation substructures or
dislocation cells. Nevertheless, we can see that the loading
direction seems to have similar effects on the RMS and the
average dislocation density hqi (Fig. 8). Indeed, we observe
an increase of both parameters in the “hard behavior”
interval (34° < a < 53°).
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Fig. 7. (a) Variation of the number of activated prismatic slip systems P
inside the observed grains (shown as a grain fraction fG) vs. the loading
direction a and the variation of associated Schmid factors. (b) Variation of
the amount of grains exhibiting no plastic deformation (ND), or three
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4.4. Long-range internal stresses
According to TEM observations, 90% of plastically
deformed grains contain curved dislocations, localized on
one slip system or more (Fig. 9). Radii of curvature of dis-
location lines were measured in the appropriate slip plane.
This provided an estimation of the amount of residual
internal stresses inside the observed grains. It is possible
that preparation of thin foils affects the repartition of these
curvatures. Nevertheless, previous investigations (see Sec-
tion 2.1) have shown that this process does not induce plas-
tic deformation of grains. We therefore assume that the
curvatures of dislocation lines observed on each sample
all originate from the thermomechanical loading of the
sample (heating, creep and cooling). Thus, if the frictional
forces and the mobility of the pinning points are ignored,
the radius of curvature R of a dislocation line can be linked
to the line tension, corresponding to the absolute value of a
local internal stress [34] |si|:
si ¼
lb
4pð1ÿ vÞR
ln
4R
b
ÿ 1
 
ð6Þ
where l is the local shear modulus and m the Poisson ratio.
The local internal stress can be either positive or negative,
and its average value in the whole material equals zero as
TEM observations are done without any mechanical load-
ing. However, our method does not allow a determination
of the sign of si. Thus, computing the average values of |si|,
written h|si|i, we get an overview of the variation range of
internal stresses inside the observed specimen, for a given
loading direction. The higher the value of h|si|i, the larger
is this range, which is related to intergranular strain
incompatibilities.
A part of |si| is due to thermal dilatations incompatibil-
ities, as crept samples are cooled from 673 K to room tem-
perature before TEM observations. The internal stress
induced by this process is possibly significant but indepen-
dent of the loading direction a. Thus, only a comparative
study of |si| vs. a is allowed in our approach.
The values of h|si|i/r0, calculated for the observed spec-
imens, are presented in Fig. 10. We can see from this plot
that this parameter reaches its highest values when a is
between 30° and 60°. This result can be interpreted as an
increase of intergranular plastic strain incompatibilities in
domain B, resulting from the coexistence of two kinds of
viscoplastic behaviors within the polycrystal.
As the present work investigates low strain conditions,
only homogeneous intragranular dislocation distributions
were observed. This suggests that significant evolutions of
intragranular internal stresses cannot be obtained [34,35].
Thus, our results lead us to assume that the long-range
internal stresses characterized in our crept samples origi-
nate from the intergranular phenomena.
5. Discussion
As explained in Section 1, creep anisotropy of the M5Ò
alloy can be explained with physical and geometrical
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considerations. The present results allow a discussion of
assessments, leading to a multiscale characterization of this
phenomenon. The first assumption that can be made is that
creep anisotropy results from a transition between two
microscopic deformation modes, involving both Phai and
p1hai slip systems. Both deformation modes correspond
to the “oversoftening behavior” defined above (Fig. 3),
i.e. in the neighborhood of purely axial or hoop loadings.
The macroscopic evidence for the existence of those
domains consists in different values of apparent activation
volumes presented in Fig. 4. These activation volumes are
probably linked to dislocation displacement mechanisms.
Indeed, as frequent cross-slip and no dislocation structures
were observed, dislocation production and annihilation
should be easily activated [36].
Near axial loadings (domain A, a < 30°), dislocation
glide inside prismatic planes would control plastic defor-
mation of the grain. For hoop loadings (domain C,
a > 60°), cross-slip activation would become a key param-
eter, which could explain the higher activation volume in
this case. We can explain this hypothesis because a change
from axial to hoop creep has a lower incidence on p1hai
average Schmid factor than on Phai average Schmid factor
(Fig. 5). Thus, dislocation glide on these two slip systems
seems to be a major contribution to creep anisotropy. This
result is compatible with dislocation glide observed by sev-
eral authors [2,10,13,37,38]. However, the possible inter-
vention of dislocation climb mechanisms cannot be fully
rejected yet. Indeed, jog dragging mechanisms can be
enhanced by dislocation climb in crept zirconium alloys
[5,39]. On the other hand, Viguier et al. calculated that
jog displacements have a higher probability to occur along
Burgers vectors [40]. Thus, displacement modes of
observed dislocation jogs (Fig. 9) would certainly be better
understood after in situ TEM experiments [37,41] on the
studied alloy.
This experimental approach could also be useful to
investigate generalized dislocation climb, as several studies
[4,31,32] mention that this mechanism could control dislo-
cation mobility [4]. Although dislocation climb was not
observed in the present study, there is still a probability
for it to be masked by dislocation rearrangement during
the cooling of crept samples. However, Zr anisotropic
self-diffusion [42] does not seem to be appropriate to
explain creep anisotropy. And calculations, on the crystal-
lographic texture of this study, of normal stresses on pris-
matic or first order pyramidal planes (Fig. 11) are not
consistent with the overstrengthening observed during
our creep tests in domain B. Furthermore, similar mechan-
ical anisotropies have been observed in zirconium alloys at
lower temperatures (298 K, 623 K) [10,11] where self-diffu-
sion activation is negligible. This supports the assumption
of two deformation modes involving dislocation glide
mechanisms proposed in the present paper. Nevertheless,
considering that evidences of dislocation climb at higher
temperature have been presented in recent studies with
macro- or mesoscopic considerations [4,31,32], we do not
think that our conclusions apply above 450 °C.
The transition between both deformation modes occurs
for domain B (30° < a < 60°) and is associated with an
apparent activation volume jump. As the main deforma-
tion mode differs here from one grain to another, long-
range internal stresses increase (Fig. 10) inside plastically
deformed grains. This enhances dislocation production,
and therefore slightly higher dislocation densities (Fig. 8).
The strong intergranular incompatibility in this case is con-
firmed by higher values of dislocation densities’ RMS
(Fig. 8) and TEM observations of a large number of grains
carrying no plastic deformation (Fig. 7). The macroscopic
consequence of these phenomena is the “overstrengthening
behavior” defined above (Fig. 3). The globally heteroge-
neous response of the polycrystal for 30° < a < 60°
(domain B) can be linked to the difference of Schmid factor
ratios for these loading directions (Figs. 4 and 5). Thus, the
mechanical and geometrical approach proposed with the
Schmid factors investigation is able to explain the creep
anisotropy in the entire 0° < a < 90° interval. Schmid fac-
tors being easily calculated by polycrystalline models
[30,38,43,44], we can then assume that such models,
applied to Phai and p1hai dislocation glide, could accu-
rately simulate multiaxial creep tests.
However, dislocation glide itself is not fully understood
yet. Thus, the present results may enable the control of
local deformation by any of these thermally activated
mechanisms: cross-slip activation, frictional forces, inter-
action with solute or secondary phase obstacles [41,45].
In situ TEM investigation may be an appropriate experi-
mental way to reduce this list (work in progress). In par-
allel, the present study should be extended to other
temperatures in order to obtain activation energies. Such
investigations would improve the accuracy of physically
based models and enable their extension to other
temperatures.
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Fig. 11. Evolution with the loading direction of the ratio between normal
(on best oriented prismatic (P) or first order pyramidal (p1) planes) and
applied stresses.
6. Conclusion
Although they are not sufficient to prove that climb
mechanisms do not occur in Zr alloys, the present results
contribute to show that dislocation glide could be the main
physical parameter explaining creep anisotropy of M5Ò at
673 K. Its localization on P hai and p1hai slip systems var-
ies with the loading direction, according to statistical TEM
measurements and geometric analyses associated with
EBSD maps. We saw that these microscopic scale results,
obtained on 50 grains per observed specimen, are in good
accordance with mesoscopic and macroscopic analyses
(EBSD and mechanical data). We therefore suggest that
the physical basis of numerical modeling of recrystallized
Zr alloys thermal creep should focus on dislocation glide
on Phai and p1hai slip systems, taking into account crystal-
lographic texture considerations. This would logically lead
to anisotropic creep behavior, especially in the case of
tubes manufactured by the cold-pilgering process, as was
recently illustrated [38].
To improve the understanding of thermal creep of
recrystallized Zr alloys, the multiscale approach used in
this study could be extended to other materials, other tem-
peratures and be completed by in situ TEM experiments
(work in progress). It would lead to the identification of
the thermally activated mechanisms which control disloca-
tion glide.
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